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ABSTRACT: Segmented polyurethane elastomers for biomedical

applications were synthesized and studied at macroscopic (by

mechanical testing) and meso/nanoscopic length scales (by

atomic force microscopy, AFM). The polyurethanes are com-

posed of 4,4’-methylenebis(phenyl isocyanate), 1,4-butanediol

and an e-polycaprolactone diol. The stoichiometric ratio of the

isocyanate and hydroxyl groups is constant, but the polymer

diol to total diol—varies from 0 to 100 %. We show the repre-

sentative features of the morphology from phase separation to

mixed phases, how this is related to the mechanical properties

in the bulk and locally, at exposed free surfaces and at the

nanoscale. We propose a morphological model considering the

molecular structure, the length of hard segments, and the

dimensions of both the soft and the hard phases, respectively.

Understanding such structure–property relations is pivotal to

establishing designer materials and controlling the perfor-

mance of the final product to achieve optimal properties in

polyurethane based medical devices. VC 2016 Wiley Periodicals,

Inc. J. Polym. Sci., Part B: Polym. Phys. 2016, 54, 2298–2310
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INTRODUCTION Polyurethanes (PU) as engineering materials
have been utilized in an impressive array of applications,
including coatings, foams and synthetic leathers, as well as for
the modification of other polymers.1–4 In view of the very
broad variety of the primary chemical structures, the supramo-
lecular structure and morphology across the length scales
(nanometer—millimeter domains), and thus the end-use prop-
erties of PUs, like stiffness, hardness, adhesion, and permeabil-
ity vary over a wide range. Designer polyurethanes with fine-
tuned properties can be obtained on the basis of the under-
standing of such structure–property relationships. Thus, the
optimum design of the molecular structure and morphology
must be the focus of interest for producing novel materials.

Segmented polyurethanes are multiblock copolymers that
consist of alternating soft and hard chain segments that are
separated in a complex fashion.1,2,5–8 The morphology model
we use in this study is shown in Scheme 1. Soft segments
are often composed of oligomeric or polymeric diols with
flexible chains that have subambient glass transition

temperatures in their respective bulk forms, and usually con-
sist of polyethers, polyesters, or polycarbonates (shown as
wavy lines in Scheme 1). The hard segments (with relatively
high glass transition temperatures) form by reactions of aro-
matic or aliphatic diisocyanates and low molar mass diols
(or amines in the case of polyureas) (shown as rectangles
and short connecting lines, between them, respectively, in
Scheme 1). The low molar mass diols are referred to as
chain extenders. The variation of the interaction between
soft and hard segments, their relative amount, chemical
structure, as well as their respective molar masses, deter-
mine the extent of phase separation, and thus the physico-
chemical properties of the final polymer.1,6 Varying block
length and chain composition offers unique possibilities to
form tailor-made polymers.2,8,9

The structural diversity of PU chains results in a broad range
of intermolecular interaction strengths.2,6,10 As indicated by
Kr�ol, hydrogen bonding is the strongest among these inter-
molecular forces, often contributing to the aggregation of the
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hard segments and to the formation of a compact rigid
phase.1 The rigid phase is typically only partially miscible
with the less polar soft segments. As the hard segment con-
centration increases, thermodynamic immiscibility between
the hard and the soft segments induces phase separation
and a two-phase morphology is formed.2 The studies of
Kang and Stoffer showed that thermodynamic factors are
more decisive than kinetic ones in affecting phase separa-
tion.11 Thus, PUs with aliphatic hard segments have a more
phase separated structure than their aromatic counterparts,
that is, a lesser amount of hard segments dissolved in the
soft phase, despite the higher mobility of their chains.12

The phase behavior in PUs is the key to controlling the per-
formance of the final product.1,2,9,10,13 To achieve the materi-
al composition best serving target applications, the
structural elements of the material must be quantitatively
characterized for a complete interpretation of the morpholo-
gy and its macromolecular structure. Several attempts have
been made to characterize the structural units (phase) of
polyurethanes by mechanical contact tests (micro or nanoin-
dentation).14,15 However, even for nanoindentation where a
tip is pressed against the surface and penetrates the materi-
al, the indentation depth has magnitudes on the order of
hundreds of nanometers, resulting in “averaging” of the mea-
sured mechanical properties over a relatively large contact
area (typically beyond tens of hundreds of mm2). To over-
come this averaging problem, atomic force microscopy
(AFM) has been introduced with its sharp tip to perform
indentation at the nanoscale (based on force spectroscopy
and collecting the related force-distance curves).16,17 The
extension of this method was later automated and classified
as a separate method, called a Force Volume mode.16 Both
methods are known to provide quantitative mechanical infor-
mation about polymer surfaces, when additionally supported

by mechanical contact models to derive elastic modulus val-
ues.16,18,19 Sch€on et al. pointed out that these AFM methods,
however, suffer due to limitation of the resolution and the
significant capturing time required to obtain the mechanical
property maps.7 It is also of high importance to compare
results obtained by nanoscale methods with other micro and
macroscopic methods to reveal quantitative properties across
the length scales. Such comparison is often discounted in the
scientific reports.

Recently, several new AFM modes have been introduced
with interesting quantitative modulus imaging possibilities.
These include HarmoniXVR (Bruker), PeakForce QNMVR

(Bruker), and QITM (JPK Instruments AG, Germany).7,20–24 All
of these imaging modes are based on collecting force-
distance curves followed by an on- or off-line analysis.
Among them, PeakForce QNM is highlighted in this work due
to its high resolution (<5 nm), high imaging speed (compa-
rable to tapping mode), and a broad, accessible range of
elastic moduli that can be quantitatively determined (0.7
MPa – 70 GPa), using a controlled load (feedback loop). It
has been shown that the elastic modulus, as obtained by the
PeakForce QNM mode, provides good quantitative agreement
with other mechanical testing methods.7,23

There are only a very limited number of reports available on
the applications of PeakForce QNM for the characterization of
polyurethanes. In view of the high utilization potential of this
technique, in particular for polyurethanes, there is a strong
need for additional work. Sch€on et al. were the first to show
the potential of the method for the determination of mechani-
cal properties in polyurethanes.7 Similar work was done by
Imre et al.,4 as well as Dokukin and Sokolov.22 Recently,
Fernandez-d’Arlas and Eceiza reported on the nanoscale elastic
modulus in high urethane concentration polyurethanes.25

Numerous studies are available on polycaprolactone based
polyurethanes and on their applications, in the medical field.26

However most of them only apply indirect methods at best in
order to characterize structure,27–32 while only a handful
attempt to use more direct imaging techniques such as
AFM.9,33–35 At this point we have to emphasize the fact that
achieving a polyurethane material with desirable properties
that meets the extremely demanding requirements of medical
applications is not at all trivial. High elasticity, toughness and
biocompatibility are important requirements to meet biomedi-
cal applicability.26,36,37 The PUs are generally not in thermody-
namic equilibrium following processing, and the mechanical
behavior of the chosen class of PUs is hardly predictable.1,2,10

Only the rigorous knowledge of structure–property relations
can lead to the establishment of proper design criteria of the
molecular structure in PUs to fulfil the mechanical require-
ments needed.

In this study, we aim at producing and characterizing PU
elastomer based. We applied a combined approach including
surface nanoscale mapping of mechanical performance and
morphology with bulk studies to assess the relationship
between structure and performance across the relevant

SCHEME 1 Schematic of the possible morphologies of seg-

mented PUs: (a) PU consisting only of hard segments, (b) PU

consisting only of soft segments, (c) hard segments dissolved

in the soft phase, (d) separated soft and hard phase. [Color fig-

ure can be viewed in the online issue, which is available at

wileyonlinelibrary.com.]
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length scales. In AFM studies the PeakForce QNM mode was
used to quantitatively evaluate mechanical and adherence
properties of the samples, that is, elastic moduli and adhe-
sion, by means of collecting force-distance curves and apply-
ing a contact mechanics model (DMT, see Ref. 38).
Additionally, we focused on the effect of composition on
morphology and the formation of physical crosslinks, soft
and hard phase crystallization and their morphological inter-
play. The results of this study allowed us to draw conclu-
sions regarding molecular structure and structure–property
relationships in the chosen class of PUs.

As a model system we studied PUs synthesized from 4,4’-
methylenebis(phenyl isocyanate) (MDI), 1,4-butanediol (BD)
and e-polycaprolactone diol (PCL) with a constant stoichiomet-
ric ratio of the isocyanate and hydroxyl groups, but by system-
atically varying the stoichiometric ratio of polymer diol to total
diol. These systems were found by Kim and Lee as exhibiting
excellent shape memory effects.39 Our syntheses were carried
out in solution and the polymers were melt processed.

EXPERIMENTAL

Materials and Polyurethane Synthesis
The series of polyurethane elastomers with the ratio of PCL
(Mw 5 2000 g mol21, Sigma-Aldrich) and BD (Alfa Aesar)
content ranging from 0.0 to 1.0 was synthesized according
to the following procedure (based on a product yield of

30 g). Oven dried glassware was placed in a nitrogen-filled
glove box and allowed to cool to room temperature while
oxygen and moisture were purged under a flow of dry nitro-
gen for 30 min. MDI (Sigma-Aldrich) was weighed and trans-
ferred to a 24/40 joint size 3-neck flask. Molten PCL was
weighed into an addition funnel. The reaction vessel was fit-
ted with a mechanical stir shaft, a rubber septum and the
addition funnel containing the polyol and then removed from
the glove box. The stir shaft was attached to an overhead
stir motor and the flask was immersed in an oil bath equili-
brated at 80 8C. The molten PCL was added to the liquid
MDI dropwise under moderate stirring. After 1 h of reaction
time, the oil bath temperature was lowered to 50 8C and dry,
distilled DMF (150 mL) was added to the flask by a double-
tipped needle. BD was then added to the solution by syringe
and the mixture was allowed to stir for an additional 18 h.

After completion (in MDI excess), the reaction was terminat-
ed by end-capping residual isocyanate groups with an excess
of BD (1 mL). The polymer was precipitated from the reac-
tion solution by pouring into a 5-fold excess of methanol or
ethanol to yield a white solid or slightly yellow solid (the
consistency varied with composition of the polymer). The
synthesis scheme is diagrammed in Scheme 2.

Molecular sieves were activated by heating at 300 8C under
vacuum at a base pressure �27 mPa for 24 h. Silica gel was
dried under vacuum at 120 8C for 2 h. N,N-dimethylformamide

SCHEME 2 Synthesis scheme for e-polycaprolactone-based polyurethanes. [Color figure can be viewed in the online issue, which

is available at wileyonlinelibrary.com.]
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(DMF) was dried over activated silica gel pellets, distilled over
fresh powdered activated silica gel at reduced pressure, and
stored over activated 0.4 nm molecular sieves until use. PCL
was dried under vacuum at 100 8C for 3 h before use. For the
hard segments BD was distilled under vacuum and stored over
activated 0.4 nm molecular sieves. MDI flake was used without
further purification.

A list of the PCL polymers prepared is provided in Table 1.
In the table the NCO/OH value refers to the stoichiometric
ratio of the isocyanate and hydroxyl groups, whereas the
p(OH)/OH ratio refers to the amounts of OH in the soft seg-
ment polyol relative to the total OH content in the synthesis.
As polyurethane synthesis can be considered a step-reaction
polymerization, an equimolar ratio of the functional groups
is required in order to achieve maximum molar mass.8 Only
a slight MDI excess was applied in order to compensate for
the loss of isocyanate functionality due to side reactions. The
hard segment (HS) content, as well as the average length of
the hard segments, were estimated based on the initial con-
centration of the components according to the method
described by Peebles,40 assuming complete conversion, equi-
molar stoichiometry and an equal reactivity of the isocyanate
groups. Isocyanate groups connecting PCL units were consid-
ered as part of the soft segments.

Sample Preparation (Microtome)
Structurally heterogeneous, multiphase-multicomponent
polymer samples must be carefully prepared by microtoming
for microscopic investigations.41 Poor sample preparation
approaches may expose bulk areas for microscopy analysis
that are not representative of the bulk (concentration,
appearance). At the cutting interface the PU components
tend to relax to balance the interfacial forces originating in
their multi-phase morphology. To reduce the impact of this
possibility, one should cut the sample and investigate it
immediately. For most mechanically compliant samples cut-
ting at room temperature will induce additional stress in the
sample and can lead to large surface roughness.

To avoid the above discussed situation, we cryo-microtomed
(Ultracut EM-FCS, Leica, Germany) our samples. Specimens
were sliced (1 3 2 3 5 mm3), mounted onto a steel sample
holder, and cooled with liquid nitrogen down to 2125 8C.
Two knives were employed for microtoming. A steel knife
was used for a section of a nominal 2 mm thickness with a
cutting speed of 2 mm s21. After the quality of this section
was confirmed optically, a sharp glass knife at a 45 cutting
angle was used for final surface cutting at a nominal 70 nm
thickness with a cutting speed of 0.4 mm s21. Following
completion of this cutting, samples were glued to a magnetic
sample holder using a two component epoxy adhesive and
measured immediately by AFM after the glue dried (�1 h).
Samples older than 24 h were cryo-microtomed again for
additional AFM experiments, when needed.

Macroscopic Mechanical Characterization Methods
For macroscopic mechanical characterization 1 mm thick
polyurethane sheets were prepared by compression molding

at 215 8C using a DAKE 50 ton lab press (model 944250-2),
applying 3 min preheating with frequent degassing followed
by 2 min pressing at a force of 200 kN (equivalent with a
pressure of 5 MPa). Cooling the mold to room temperature
typically took 10 min. The typical dimensions of the mea-
sured specimens were 7 3 5 3 1 mm.

Dynamic mechanical analysis (DMA) was performed in the
tension mode, at 1 Hz frequency, with the amplitude chang-
ing linearly between 10 and 100 mm, in the temperature
range of 2100 to 250 8C, using a TA instruments DMA Q800
apparatus.

Static mechanical properties were characterized by tensile
testing on standard ASTM-D1708 micro-tensile specimens
with a thickness of 1 mm, using an Instron 5565 apparatus,
with 18 to 20 mm gauge length. The values of the Young’s
moduli, E, were determined at 0.5 mm min21 crosshead
speed between 0.5 and 1% deformation.

Thermal Characteristics
Thermal characterization of the polyurethane samples was
carried out by DSC scanning from 290 to 220 8C in nitrogen
at a heating/cooling rate of 10 8C min21, using a TA Instru-
ments DSC Q2000 instrument. Glass transition temperatures
of the soft segments were determined from the DSC curves
as the inflection point of the endothermic change in the heat
flux signal during the first heating run (not shown). The
degree of crystallinity in the PCL phase, CPCL, was obtained
using the following equation

CPCL %ð Þ5 DHm;PCL

DH0
m;PCL

 !
100 (1)

where DHm;PCL is the heat of fusion of PCL in the polyure-
thane samples investigated, determined by integrating the
melting peak obtained in the first DSC heating scan, while D
H0
m;PCL is the heat of fusion of a fully crystalline PCL homo-

polymer (139.3 J g21).42 For an example, see Supporting
Information Figure S1.

TABLE 1 Specification for Polyurethane Elastomers

Sample

name

NCO/

OH [-]

p(OH)/

OH [%]

HS content

[wt %]

HS length

[nm]

C0 1.01 0 100.0 -

C10 1.01 10 53.4 19.8

C20 1.01 20 32.2 9.9

C30 1.01 30 20.3 6.6

C40 1.01 40 13.1 5.0

C50 1.01 50 8.3 4.0

C60 1.01 60 5.1 3.3

C70 1.01 70 3.0 2.8

C80 1.01 80 1.5 2.5

C90 1.01 90 0.6 2.2

C100 1.01 100 0.0 0.0
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Quantitative Mapping of Young’s Modulus and Adhesion
Force by AFM
Imaging Conditions
Samples were measured in the PeakForce QNM mode by a
Multimode 8 AFM retrofitted with the NanoScope V control-
ler (Bruker). In the PeakForce QNM mode information about
the tip-sample interactions is obtained and evaluated in real-
time by collecting force-distance curves and their simulta-
neous processing. The AFM probe cantilever was vertically
oscillated at 2 kHz, which is far from its resonance frequency
and helps to avoid a filtering effect.43 The working distance
(peak-force amplitude) was set to 150 nm. The force-
distance curves were captured each time the AFM tip tapped
on the sample surface, that is, at each pixel. Due to the
geometry of the tip-sample interactions the imaging tech-
nique works with almost no lateral forces, which enhances
sample phase identification and reduces sample and tip
wear. Details of the scanning conditions are provided in the
Supporting Information.

Contact Mechanics Model
Values of the Young’s modulus can be obtained by measuring
the deformation under an applied load. In AFM this is
achieved by studying the indentation of an AFM tip.16 For
quantitative results, values of the Young’s moduli were deter-
mined with reference to a material of a known DMT elastic
modulus (see: System calibration). Details of the contact
mechanics theory used and remarks about the conditions
are summarized in the Supporting Information.

System Calibration
We used the “relative method” to measure Young’s modulus
in the PeakForce QNM mode to be able to perform an
advanced real-time data analysis and reduce the propagation
of errors.44 The “relative method” is based on a simplified
DMT formalism given in Supporting Information eq S6. In
the “relative method” each cantilever/tip combination needs
to be calibrated to obtain (quantified) elastic modulus values
of unknown samples. Details of the “relative method” meth-
od and the discussion about measuring errors can be found
in the Supporting Information.

As reference sample, we used polydimethylsiloxane (PDMS)
gel 150 mm films with known Young’s modulus of (3.56 0.5)
MPa (provided by Bruker).44,45 A broad range of expected E
values in our polyurethane samples required a large accessi-
ble range of the cantilever’s deflection. Therefore, we
double-checked our calibration with another reference sam-
ple of higher rigidity, that is, a cryo-microtomed bead of high
density polyethylene, HDPE (0.95 kg m23, Mw � 1.25�105 g
mol21, Sigma-Aldrich). HDPE has E values, typically from 0.6
GPa to 1.4 GPa,23,46 but in some literature the E range is
even broader.47 An excellent agreement was obtained
between the measured E and the literature. In our HDPE ref-
erence sample E values varied from �0.35 GPa to �1.6 GPa,
depending on the particular area (amorphous, semi-
crystalline, crystalline) hit by the tip, with an average
E 5 713 MPa for the entire AFM image (elasticity map).

Bartczak and Kozanecki47 showed that HDPE, with its macro-
scopic Young’s modulus of around 700 MPa, contains approx-
imately 40% of the amorphous and 60% of the crystalline
phase. This proportion is in agreement with the phase con-
tribution in our AFM elasticity maps (not shown). We also
clearly observed two different phases (amorphous and crys-
tallized with typical stacked lamellar morphology48) with
their narrow transition areas (semicrystalline).

RESULTS AND DISCUSSION

Dynamic Mechanical Analysis and Glass Transition
Temperature
The thermomechanical properties of the polymers were ana-
lyzed by dynamic mechanical analysis. Figure 1 presents the
DMA curves of the C20, C40, and C80 samples. The lowest
temperature transition in all cases is attributed to the glass
transition of the soft segments (Tg; PCL) at around 235 8C,
indicated by a drop in the storage modulus (E’) signal
accompanied by peaks in the loss modulus (E’’) and the loss
factor (tan d). The subsequent decrease at around 50 8C in
the moduli signals can be assigned to the melting tempera-
ture of the soft segments (Tm; PCL). At a higher temperature
[�125 8C in Fig. 1(a,b)] the polymer starts to flow, as the
steep increase of the tan d signal indicates. Above its flow
temperature (Tf ) the material shows viscous, liquid-like
mechanical behavior, which also means the end of the mea-
surement, as the sample reaches the maximum elongation
enabled by the device. At higher PCL contents, as in the case
of the C80 sample [Fig. 1(c)], the melting of the crystalline
part coincides with Tf , that is, as the PCL matrix melts, the
whole polymer starts to flow. Above �8 wt % of HS content
[see Table 1 for samples C40 and C50 as well as Fig. 1(b)],
however, the polyurethanes still exhibit rubber-like mechani-
cal behavior above 50 8C, although their moduli show a
strong temperature dependence. Thus, we can distinguish
between Tm; PCL and Tf transitions. The latter increases with
increasing the amount of HS in the polymer, indicating the
formation of physical crosslinks due to a phase separated
morphology (e.g., C20).

The composition dependence of the glass transition of the
soft phase presented in Figure 2 provides more insight into
the phase morphology of the polyurethanes studied here.
Compared to the PCL-based PU without hard segments
(C100), Tg; PCL at first increases with increasing hard seg-
ment content (i.e., decreasing p(OH)/OH ratio), due to the
presence of dissolved, rigid hard segments in the soft phase.
The value of the glass transition temperature reaches its
maximum below the critical HS concentration required to
phase separation (5.1 wt %, C60). Further increasing the
concentration of HS results in a drop in Tg; PCL (�12 8C
between C60 and C50), indicating the appearance of a dis-
tinct hard phase. Thus despite the larger amount of hard
segments in the polymer there is a reduced percentage of
hard segments in the soft phase. The continuous decrease of
glass transition temperature with decreasing p(OH)/OH ratio
suggests a gradual decrease of miscibility and greater phase
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separation in this composition range. The remarkably high
Tg; PCL of the sample with a p(OH)/OH ratio of 10% (C10),
on the other hand, deserves special attention. At such a high
hard segment content (53.4 wt %) the hard phase becomes
the continuous matrix, or at least we are close to phase
inversion, and a high degree of phase mixing takes place,
increasing the glass transition temperature of the PCL phase.

Static Mechanical Tensile Testing
The Young’s moduli of the polyurethanes obtained by tensile
testing are presented in Figure 3. Since this characteristic is
measured at low deformations (0.5–1%), far below the
mechanical failure of the specimens, it is essentially deter-
mined by the composition and the properties of the compo-
nents. Starting from lower p(OH)/OH ratios, the stiffness
decreases rapidly with increasing soft segment content. As
we noted above, in this composition range the polymer is
supposed to have a phase separated morphology, thus the
presence of a continuous matrix consisting almost exclusive-
ly of the soft PCL phase not surprisingly results in low mod-
ulus values. At higher soft segment contents (above 50%
p(OH)/OH ratio), however, stiffness is considerably greater.
This may be explained by phase mixing and the presence of
rigid hard segments dissolved in the matrix. On the other
hand, the modulus further increases with increasing p(OH)/
OH ratio, despite the decreasing hard segment concentration.
The explanation for this is that above 50% of p(OH)/OH
ratio the PCL phase is able to crystallize, and the degree of
crystallinity generally increases as more PCL is added to the
composition. Stiffness in this region is mainly determined by
this increased crystallinity of the polymer. It is worth noting,
however, that the sample with a p(OH)/OH ratio of 90%

FIGURE 1 DMA spectra of the C20 (a), C40 (b) and C80 (c) sam-

ple. [Color figure can be viewed in the online issue, which is

available at wileyonlinelibrary.com.]

FIGURE 2 The glass transition temperature of the soft phase

derived from the DMA spectra as a function of p(OH)/OH ratio.

The line is a guide to the eye.

JOURNAL OF
POLYMER SCIENCE WWW.POLYMERPHYSICS.ORG FULL PAPER

WWW.MATERIALSVIEWS.COM JOURNAL OF POLYMER SCIENCE, PART B: POLYMER PHYSICS 2016, 54, 2298–2310 2303

http://wileyonlinelibrary.com


(sample C90) still has a higher modulus value than the
homopolymer (sample C100). Both samples have a high
degree of crystallinity (C90: CPCL 5 43.3%, C100:
CPCL 5 40.2%), but in the case of C90 stiffness is further
increased by the presence of dissolved hard segments in the
PCL matrix.

AFM PeakForce
Topography and Morphology
Height and corresponding PeakForce error images of C20,
C30, C40, C60, and C80 samples are shown in Figure 4. The
image for sample C20 reveals a two component structure
consisting of a: flat regions (soft phase) between elongated
(up to about 3 mm in length) and high (locally up to about
200 nm) domains (hard segments) [Fig. 4(a)]. Small hard
domains, approximately 250 nm in length and 30 nm in
height, are present as well, but occur much less frequently.
Significant phase separation can be observed in sample C20.
The hard domains contain parallel whiskers [this feature is
shown with high resolution in Fig. 7(a) and discussed later
on]. The whiskers are highly ordered and directed. Each
whisker has a rather fixed width of about 10–15 nm (see
Fig. 7 as well) and varied length from about hundreds of
nanometers up to some micrometers, as limited by the hard
domain’s length [Fig. 4(f)]. Sch€on et al. reported, for instance,
on data regarding the width of approximately 20 nm and
length from 30 to 200 nm for whiskers in poly(tetrahydro-
furane)-based polyurethanes.7 The elongated shape of the
hard domains [Fig. 4(a,f)] is an intrinsic feature of the struc-
ture and is not related to microtoming; as the cryo-
microtome cutting direction was “horizontal.” On the con-
trary, the height of the domains may be influenced by the
cryo-microtome cutting. We attribute the differences in the
height of hard domains to the variation of the domain’s
rigidity (this later will be confirmed by AFM elastic modulus
analysis). Similarly, the occurrence of flat regions in the
image can be attributed to the soft phase. Possibly, at 2125
8C hard domains and soft phase still reveal difference in

FIGURE 3 Young’s modulus obtained by static mechanical

testing as a function of p(OH)/OH ratio. The error bars indicate

the standard deviation of mean. The line is a guide to the eye.

FIGURE 4 Height and corresponding PeakForce error images of samples C20, C30, C40, C60, and C80. The scan area is 2 3 2 mm2.

The height-profiles (height vs. section length) represent an overall height scale of the samples; height-profiles were taken along

the white lines shown in the images. All height-profiles were adjusted to the same height scale to allow profile comparison. [Color

figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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abrasion and mechanical compliance, the microtome knife
removing the material in the two regions with different
“efficiency.”

Sample C30 shows significant differences compared to C20
[Fig. 4(b,g)]. The domains are smaller, both in lateral (up to
about 400 nm) and vertical directions (up to about 50 nm).
The volume of the hard domains is reduced, and thus they
are better dispersed in the soft phase. While reducing the HS
content in the polyurethane sample [C40, Fig. 4(c,h)], and
thus the overall volume of the hard domains, the structure
reveals a prominent increase in phase mixing (less phase sep-
aration). However, phase separation is still present at the sub-
micron scale. The darkest areas in Figure 4(b,c) represent -
probably - places from which the hard domains were pulled
out by the microtome knife, which is most likely not the case
for sample C20 due to the larger volume of the hard domains.

A p(OH)/OH ratio of 60% [sample C60, Fig. 4(d,i)] leads to a
transition from the two component morphology into a
homogenous and continuous morphology with mixed phases.
Similar topography and morphology were observed in sam-
ple C80 as well [Fig. 4(e,j)].

We need to comment additionally on the topography in Fig-
ure 4(d,e). One can see the changes in the sample height-
profile, however, they are not related to the presence of the
hard domains, but are a result of cryo-microtome knife-carve
artifacts, which are sometimes simply unfortunately present
in the images.

Young’s Modulus and Adhesion Force
The variation of the surface Young’s moduli (DMT modulus
maps) with the corresponding E value distribution and
cross-section analysis are shown in Figure 5. As already
shown in Figure 4(a), sample C20 reveals a two-phase
(phase separated) character in its morphology, which can be
quantified by high-resolution Young’s moduli mapping [Fig.
5(a)]. E varies typically from about 25 MPa (soft phase) up
to about 55 MPa (hard phase); locally even up to as much as
200 MPa (see Supporting Information Fig. S2). However, the
presence of such highly rigid areas in sample C20 is rare,
and therefore not seen in Figure 5(a) at the current distribu-
tion intensity scale. The Young’s moduli distribution in Fig-
ure 5(a) shows a complex composition, that is, after
analytical decomposition, it reveals three moduli peaks (see

FIGURE 5 Young’s modulus and corresponding adhesion force images of samples C20, C30, C40, C60, and C80. The scan area is 1

3 1 mm2. The Young’s modulus-profiles (Young’s modulus vs. section length) and adhesion force-profiles (adhesion force vs. sec-

tion length) were taken along the white lines. The corresponding distributions of Young’s moduli are shown as histograms. [Color

figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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Supporting Information Fig. S3). The central (narrow, the
highest intensity, maximum at around 28 MPa) peak indi-
cates the soft phase, the right peak (wide, moderate intensi-
ty, maximum at around 39 MPa) the whiskers in the hard
domains, whereas the left peak (narrow, the lowest intensity,
maximum at around 15 MPa) we attribute to soft areas
between the whiskers. Similarly, broad E value distributions
were obtained for other segmented polyurethane samples,
for example, C30 and C40 [Fig. 5(b,c)], however, the distribu-
tions adopt mono-peak distribution with the log-normal
envelope [the areas between the whiskers have modulus
comparable to the soft phase “located” far away from the
hard domains; see Fig. 7(b)].

As the HS content gradually decreases, the value of the
Young’s modulus monotonically increases (with an exception
of C80). This is mostly due to the increased crystallinity of
the soft phase and better dispersion of the HS in the soft
phase (see additional discussion for Fig. 7). Sample C60, in
particular, shows a remarkably high Young’s modulus. This
can be explained by the somewhat higher crystallinity of the
soft phase in this sample (CPCL: 48.6 vs. 40.6% in C80), and
by the larger amount of rigid soft segments, compared to
C80. The analysis of macroscopic properties based on tensile
testing does not reflect the same tendency (see Fig. 3). The
stiffness of the sample C60, however, has an exceptionally
high standard deviation. The inhomogeneous structure of
this polymer might play a role in the discrepancy between
the results determined on a macro and mesoscales,
respectively.

In the AFM experiments the local variation of adherence
between the tip and sample is also measured pixel-by-pixel
at the point of tapping. The corresponding adhesion force
maps [Fig. 5(f–j)] confirm the above statements regarding
the elasticity of the polyurethanes. The adhesion force values
decrease when the AFM is retracted from the rigid area
(small tip-sample contact area), but increase when the AFM
is retracted from the mechanically compliant area (large tip-
sample contact area); these differences are the greatest in
sample C20 [Fig. 5(f)].

A discussion about the accuracy of the Young’s modulus and
adhesion force determination is provided in the Supporting
Information.

Figure 6 shows a comparison of Young’s moduli values
obtained by AFM and DMA measurements, respectively, at
room temperature (21 8C), as a function of p(OH)/OH ratio.
For AFM data the E values correspond to the peak of the
modulus distribution (Fig. 5) and for DMA they represent
absolute values of the complex quantity which combines
both real and imaginary DMA modulus components (data
partly shown in Fig. 1). These two particularly different
methods, both regarding the scale and methodology points
of view, gave rather similar results. The largest dissimilarity
can be related to fundamentally different averaging proce-
dures. Neglecting the concrete E values and the accompany-
ing errors in AFM (see error’s discussion in the Supporting

Information), both methods indicate analogous trends in
elasticity, including significant E increases for sample C60.
Even the bulk values obtained by tensile testing (Fig. 3) rep-
resenting the bulk values obtained by the tensile testing
partly coincide with the data shown in Figure 6. We note,
however, that the DMA and static mechanical testing data
cannot be strictly compared with AFM data due to the differ-
ent deformation geometries and testing frequencies.49 Never-
theless, they should reveal similarities.

Macromolecular Structure–Property Relationships and
Molecular Identification
In this section, we propose a structure based model for the
studied polyurethanes consistent with the structure–proper-
ty relationships already described. The images shown in Fig-
ure 7(a–c) represent high-resolution (150 3 150 nm2)
elasticity maps for samples C20, C40 and C80, respectively.
From these images areas of 40 3 40 nm2 (white square
regions in Figure 7) have been selected to describe the mod-
el. The selected areas intentionally contain surfaces of high
elasticity contrast (soft and hard phases).

We identify the polyurethane chain segments of different
rigidity shown in Schemes 1 and 2, based on morphology
and the corresponding Young’s modulus in Figure 7 (model
structure). Thus, we schematically marked the hard seg-
ments as red lines (MDI segments with the BD chain extend-
ers). The hard segments are aligned in parallel stacks,
resulting in the formation of whiskers. Due to the polydis-
perse nature of macromolecules, the length of the hard

FIGURE 6 Comparison of Young’s moduli obtained by AFM

(measured at peak distribution; Fig. 5) and DMA (absolute val-

ue of the storage and loss modulus) measurements at 21 8C as

a function of p(OH)/OH ratio (AFM: in circles; DMA: in squares).

The lines are guides for the eye.
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segments (straight lines), and thus the width of the whiskers
varies.

For sample C20 [Fig. 7(a)], as already mentioned, the width
of a single whisker is 10-15 nm (i.e., length of the straight
lines). This perfectly matches with the estimated average HS
length shown in Table 1 (�10 nm). The whiskers are highly
ordered; this is evidence for strong interactions between the
MDI segments, particularly due to H-bonding.6,50 However,
H-bonding alone cannot explain a relatively high variation in
the E values obtained for whiskers, that is, from about 40
MPa [Fig. 5(a)] up to 200 MPa (Supporting Information Fig.
S2). We speculate that this might be due to an interplay
among the different intermolecular interactions in MDI seg-
ments: (1) hydrogen bonding between carbamoyl groups and
carbonyl groups, (2) dipole–dipole interactions between car-
bonyl groups, and (3) induced dipole–dipole interactions
between aromatic rings, as shown by Lee et al. to be typical
for a sample with high HS content.51 All these interactions

provide a pseudo-crosslinked network structure among MDI-
BD chains.52 On the other hand, Bras et al. suggests that the
driving force for the structure development, and thus mechani-
cal properties, in polyurethanes, is the thermodynamics of
phase separation (C20 is phase separated), rather than hydro-
gen bonding.53 This could additionally explain the large varia-
tion in the Young’s modulus values for sample C20.

An interesting result using PeakForce QNM was recently
obtained by Fernandes-d’Arlas and Eceiza for homopolymer
polyurethane based on 1,6-hexamethylene diisocyanate and
BD.25 The value of the elastic moduli was approximately 3.8
GPa. Such high elastic modulus values were explained by the
authors as related to the high density of hydrogen-bonded car-
bonyls and high fraction of crystals with high packing density.

Despite the occurrence of highly ordered whiskers, this
phase separation in sample C20 can explain the remarkable
elasticity contrast [Fig. 7(a)]. Additionally, at such a low

FIGURE 7 High resolution Young’s modulus images of samples C20, C40, and C80 with their corresponding structural model. The

scan area is 150 3 150 nm2. White squares indicate areas with size of 40 3 40 nm2 for which the structural model has been sketched.

Wider, straight lines (red) indicate ordered MDI-BD segments (note that, to provide a clearance in the sketch, we do not show the

chain extenders that lean out of the MDI-BD stack to be connected to a next stack); wider, straight lines (red) indicate PCL with even-

tual soft MDI segments (no chain extenders). The Young’s modulus-profiles (Young’s modulus vs. section length) were taken along

the white lines shown in the images. [Color figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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p(OH)/OH ratio, the soft phase does not crystalize
(CPCL 5 0%), which also increases the contrast in the elastici-
ty maps.

The areas between the whiskers in sample C20 require addi-
tional comment. As indicated above, an average Young’s
modulus in these areas was found to be lowered by a factor
of approximately 2; from 28 to 15 MPa [distribution in Fig.
5(a)]. We attribute this to the decreased density of the PCL
phase between the whiskers (corresponding PCL segments
were shown in Figure 7(a) as black curved lines; see Scheme
1b as well). We think that the mobility of the soft segments
within the hard domains is promoted by the poor alignment
of the PCL chains between the whiskers, since this latter is
restricted by the presence of highly ordered hard whiskers.
This effect seems to be less prominent in the other phase-
segregated polyurethanes (C30, C40); the smaller, less
ordered whiskers probably allow the PCL chains align better
inside the hard domains (among the whiskers), thus they are
able to orientate in a way that results in more interactions
among them, and in some cases might even lead to
crystallization.

As the p(OH)/OH ratio increases [C40, Figs. 5(c) and 7(b)]
physical crosslinks—present due the soft-hard phase separa-
tion—are reduced and more hard domains (but of a lower
volume) are dissolved in the soft phase. Additionally, the
PCL-based soft phase starts to crystallize (C40:
CPCL 5 10.8%); schematically showed in Figure 7(b) as more
ordered black curves. This can explain two aspects: (i) a
jump in the Young’s modulus from about 28 MPa to about
60 MPa in the PCL-based soft phase apart from the hard
domains [compare cross-sections for the soft phase in Fig.
7(a,b)], and (ii) high E values across the hard domains [max-
imum in the cross-section in Fig. 7(b)]. Regarding the point
(ii), we assume that the presence of a partly crystallized
PCL-based phase can largely enhance the overall rigidity of
the whiskers. The structural order of the whiskers as well as
the hard domains, on the other hand, seems to decrease.
This is also confirmed by DSC measurements, as transition
temperatures attributed to both the melting of the crystalline
HS phase and the disruption of the H-bonding between the
hard segments decrease with increasing p(OH)/OH ratio
(data not shown). The decrease in the structural order of the
whiskers is related to the reduced length of the HS (�5 nm,
Table 1), and is shown as red lines with partly disordered
parallel stacks in Figure 7(b,c).

Below the critical HS content required for phase separation
(�10 wt %), for example, in the samples C60 and C80, the
polyurethane surface reveals a continuous matrix with small
and well dispersed whiskers in the PCL-based phase [C80,
Fig. 7(c)]. Phase-isolated hard domains are no longer pre-
sent, that is, the hard domains are completely dispersed in
the soft phase. For samples C60 and C80 the soft phase can
easily crystallize; C60: CPCL 5 48.6%, C80: CPCL 40.6%.
Accordingly, the overall Young’s modulus increases, but also
does not vary much across the sample surface [compare the

cross-section analysis in Fig. 5(c,e) or Fig. 7(b,c)], indicating
similar mechanical compliance of the dissolved hard phase
(whiskers) and the crystallized PCL-based phase. The width
of the whiskers is much reduced (�2.5 nm, Table 1), thus
creating a poor structural order. Due to this, whiskers cannot
provide high rigidity, therefore, the value of Young’s modulus
(at a whisker) drops significantly.

CONCLUSIONS

The work presented represents additional insights in the
field of PUs, using quantitative and high-resolution AFM
nanomechanical mapping for unveiling structure–property
relations in polycaprolactone based polyurethanes.

We have been motivated to study a series of PU samples to
appoint material composition candidates for biomedical
applications. Thus, we synthesized polyurethanes samples
composed of MDI, BD, and PCL. The stoichiometric ratio of
the isocyanate and hydroxyl groups was held constant, but
the ratio of polymer diol to total diol, p(OH)/OH, was sys-
tematically varied (0 to 100%). The mechanical properties
across the length scales were investigated by macro (DMA,
tensile testing) and mesoscopic (AFM, QNM mode) mechani-
cal testing.

We show that the nanoscale Young’s modulus of polyure-
thane samples varies significantly across the sample surface
depending on the chemical composition of the material.
These variations are not “visible” in macroscopic mechanical
testing, since they are “averaged” in the bulk. The phase-
separated samples (C20–C50) show less variation in the val-
ues of the nanoscale Young’s modulus compared to the
phase-mixed C60 sample (the lowest molar mass and the
highest Tg; PCL in the series). In the case of sample C60, AFM
revealed well dispersed hard domains in the soft phase
reflecting variation in the structural order. On the other
hand, DSC showed that the PCL-phase is almost half crystal-
line. These two issues imply not only a broad distribution,
but also relatively high values of the nanoscale Young’s mod-
ulus in sample C60, thereby rather moving that material
composition away from most medical applications, which
favor materials with low moduli. Specimens with higher PCL
content (C70–C100) are also questionable for such purposes
due to their low flow temperature above approx. 50 8C, and
overall rigid character at room temperature, including rela-
tivity high Tg; PCL. The latter is also a cause for excluding
sample C10 as material for biomedical applications. The
phase-separated samples, C20–C40 (rather with an exception
of C50), are much more promising for biomedical applica-
tions due to low Young’s modulus, low Tg; PCL, and good
overall material flexibility. A detailed physiochemical study
of PCL-based PUs will be discussed in a forthcoming paper.

The structure–property relationships are essential in control-
ling the performance of the final material. The AFM Young’s
modulus maps shows a strict correlation among the size of
the hard segments (also the width of whiskers), their struc-
tural order, soft-hard phase segregation, and the obtained
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Young’s modulus values. The width of the whiskers shows
an excellent agreement with the estimated length of the hard
segments calculated based on the initial concentration of the
components. The AFM data also shows that the mechanical
compliance of the (amorphous) soft PCL-phase can differ
with respect to the areas “located” out of the hard domains
and among the whiskers, indicating a variation in the align-
ment of the PCL chains.
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